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Abstract: Plastic deformation in metals is heavily influenced by the loading direction. Studies
have explored its effects on multiple mechanisms by analysing individual dislocations, but there is
currently no systematic way of rationalising the cooperative behaviour of the different slip systems
for arbitrary stress tensors. The current study constitutes the foundation of a new orientation analysis
framework for face-centred cubic crystals by introducing "stress orientation maps", graphical tools to
simultaneously analyse the effects of loading orientation on the stress state of the a2 〈110〉{111} and
a
6 〈112〉{111} slip systems in a comprehensive, yet intuitive way. Relationships between the Schmid
and Escaig stresses are described from geometrical constraints of the slip systems in the crystal
structure, linking the dislocation behaviour on a slip plane with the stress tensor via a one parameter
description. The case of uniaxial loading along different orientations within the fundamental sector
of the unit cell is explored to describe the physical basis, properties and capabilities of this framework.
The stress normal to the slip plane is then considered in the analysis via an extension of the Mohr’s
circles. The orientation dependence of two twin nucleation mechanisms from the literature are
examined as examples of how the stress orientation maps can be used.
Keywords: face-centred cubic crystals; orientation; non-Schmid; plastic deformation; deformation
twinning; stress analysis
1. Introduction
Historically, little attention has been paid to the effect of non-Schmid stresses on various
dislocation mechanisms in face-centred cubic (fcc) crystals. While the Schmid stress dictates for
the most part the glide behaviour of a dislocation, it has been shown across different length scales that
the Escaig stress (also referred to as co-slip stress) and the normal stress play crucial roles in phenomena
such as stacking fault constriction [1], homogeneous and heterogeneous dislocation nucleation [2–4],
dislocation drag [5,6], stacking fault propagation [7], superlattice stacking fault propagation [8] and
cross slip [9–11]. Because of how diverse these mechanisms are, these stresses have been analysed
using different arbitrary nomenclatures and coordinate systems, which makes it difficult to transfer
these concepts across different areas of study.
The Escaig stress in particular has been ignored in many cases. This is the stress resolved on the
slip plane of a given dislocation but in the direction perpendicular to its Burgers vector [9], such that it
exerts no force on it. However, for a dissociated a2 〈110〉{111} dislocation, the Escaig stress pushes both
Shockley partials with the same force but in opposite directions, thereby expanding or contracting the
intrinsic stacking fault width. Its effect on the separation between the partials is small in materials with
a high stacking fault energy, and considering that most fcc engineering alloys used during the first half
of the 20th century fall into this category, it is understandable that the Escaig stress was ignored in most
early metallurgical studies. However, it has a big influence on low stacking fault energy materials,
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such as austenitic stainless steels, nickel-based superalloys and advanced TWIP and TRIP steels, in
which formation of extended stacking faults is promoted with shear stresses as low as 250 MPa [12].
Thus, it is necessary to account for its effect in any stress activated mechanism that is affected by a
change in the stacking fault width.
The normal stress affects the atomic structure by effectively changing the spacing between
parallel {111} planes. This has a direct effect on the Peierls stress, with lower resistances for higher
compressive stresses [6]. This stress component has also been shown to affect the onset of dislocation
nucleation [2–4], which becomes critical for the activation of multiple deformation mechanisms. The
well known relation between normal and shear stresses in the form of the Mohr’s circles describes the
possible combinations that may result on any given plane for a given stress state. Nevertheless, this
does not account for crystallographic features or individual slip systems.
Previous research in the relevant areas of plasticity affected by non-Schmid stresses has been
mostly carried out with the use of molecular dynamics and line tension approximations performed
at the nanoscale on individual slip systems (e.g., references [2,5,13] and [1,10,11,14], respectively).
Whilst these improve our understanding of the mechanisms involved, there is no systematic way of
translating these results into orientation-dependent macroscopic effects for different reasons. When
imposing a stress state onto one slip system to study a mechanism, dislocations on other slip systems
will experience resolved stresses that may promote completely different behaviours. Consider the
difficulty in assessing what forces all the dislocations experience even for simple loading conditions.
For any given stress tensor with shear components, it is typically hard tracking what the values of the
relevant resolved shear stresses on each slip system are and there is virtually no way of visualising
them other than by tabulating them. For more complicated mechanisms that involve reactions between
dissimilar dislocations, it becomes increasingly difficult determining which applied loads will promote
their occurrence. Moreover, criteria for the appearance of some mechanisms are often proposed purely
based on the competition between different dislocation behaviours, promoting the one with the lowest
critical resolved shear stress, which if orientation-dependent, is hard to assess.
The current work addresses these issues by developing a stress orientation analysis framework
based upon a simple concept: all three coplanar Schmid and Escaig stresses on each slip system are
linked to each other due to simple geometrical constraints of the fcc structure. This concept is used in
Section 2 to introduce a new intuitive graphical representation of the stress states on the individual slip
systems that facilitates the understanding of stress orientation effects and enables more comprehensive
studies of orientation-dependent deformation mechanisms. Two twin nucleation criteria widely used
in the literature are then studied in Section 3 using the new framework to showcase its capabilities.
2. Stress Orientation Framework
Following the setup adopted by Baudouin et al. [12], consider an orthonormal right-handed
coordinate system oriented with respect to a a2 〈110〉{111} dislocation so that the x-axis coincides with
its Burgers vector and the z-axis is perpendicular to its slip plane. The angle θ between the Burgers
vector b = [b, 0, 0] and the line vector l = [l cos θ, l sin θ, 0] dictates the character of the dislocation,
ranging from 0◦ (screw segment) to 90◦ (edge segment). If the dislocation dissociates into Shockley
partials, their Burgers vectors will point at angles of ±30◦ from b. For such a dissociated dislocation
viewed from outside Thompson’s tetrahedron, an intrinsic stacking fault is achieved by placing the
partials in a specific order [15,16], in this case given by b1 =
[
b
2 ,
−b
2
√
3
, 0
]
and b2 =
[
b
2 ,
b
2
√
3
, 0
]
, where
the subindices 1 and 2 refer to the leading and trailing partials, respectively. Figure 1 shows the
arrangement proposed for such a dislocation and its Shockley partials.
Under a homogeneous stress field within this coordinate system with the general form
σ =
σxx τxy τxzτxy σyy τyz
τxz τyz σzz
 , (1)
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glide of a perfect dislocation depends only on the magnitude of the Schmid stress τS = τxz, and
occurs in the yˆ direction (if it is positive). For a remote stress σa, the Peach–Koehler equation from
linear isotropic elasticity theory predicts a force on the dislocation Fa = (σa · b)× l with magnitude
Fa = bτS and direction perpendicular to l. In this scenario, none of the other stress components affect
the evolution of the dislocation. However, if we consider a dissociated dislocation, then τyz will exert
forces with the same magnitude but in opposite direction on both partials. The resulting forces in this
case are
Fa1 =
b
2
τS − b
2
√
3
τE (2a)
Fa2 =
b
2
τS +
b
2
√
3
τE (2b)
where τE = τyz is the Escaig stress. Note that the sum of both forces adds up to the force felt by the
perfect dislocation; i.e., Fa1 + Fa2 = Fa.
Figure 1. Coordinate systems for a perfect dislocation, its Shockley partials and the intrinsic stacking
fault in-between. The arrows along the dislocations represent the line vectors.
The importance of the Escaig stress comes into play when analysing its effect on the stacking
fault width. Consider an infinitely long straight dislocation dissociated into partials in a frictionless
and otherwise perfect fcc crystal. Other than the forces from the remote stress, the partials will
also experience attraction due to the stacking fault binding them together and repulsion due to the
interaction force between them. The total forces per unit length felt by the partials in the direction yˆ
perpendicular to their line vectors are
F1 = Fa1 + Fint − γISF (3a)
F2 = Fa2 − Fint + γISF, (3b)
where Fint = As/d is the interaction force [12],
As =
2− ν− 2ν cos 2θ
8pi(1− ν) Gb
2
p, (4)
d is the intrinsic stacking fault width, G is the shear modulus, bp = b/
√
3 is the Burgers vector of a
partial dislocation, ν is the Poisson’s ratio and γISF is the intrinsic stacking fault energy. If there is no
stress applied, a stable separation distance between the partials d0 = As/γISF is predicted.
If the stress applied is non-zero, the force balance F1 = F2 gives a new stable stacking fault
width [12]
dE =
As
γISF +
b
2
√
3
τE
. (5)
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A positive Escaig stress will thus reduce the separation between the partials and the stacking fault
width will extend to infinity whenever τE ≤ − 2
√
3
b γISF. Note that in the literature the Escaig stress is
often defined in the opposite way (so that a positive τE increases d), but the orientation chosen in this
work matches that of the more widely used Thompson’s notation.
Following a very similar analysis, Byun [7] reported that the stacking fault width will never
vary for an edge dislocation, although he made a crucial mistake by completely ignoring any stress
contribution in the direction of the line vector. Even though Equation (5) was published half a decade
ago [12], Byun’s character dependence is still widely and incorrectly used as an assumption in stacking
fault and twinning analyses [17,18]. In reality, linear isotropic elasticity predicts the stacking fault
width of an edge segment to be larger than that of a screw by a factor of (2+ ν)/(2− 3ν) (∼ 2.09 for a
typical value of ν = 0.3) and the complete decorrelation of the partials to occur at the same stress for
any dislocation character.
For the next part of the analysis, consider a plot of τS vs. τE in which the stress state of all the
a
2 〈110〉{111} slip systems are included, hereby denoted "stress orientation maps." Due to the high
symmetry of the fcc unit cell, there are two geometrical constraints on the coordinates of the twelve
points, regardless of the stress tensor. Firstly, the three slip systems of each {111} plane fall within
a circle of radius τ = ||σ n|| centred at the origin, where n is the unit vector normal to the slip plane.
Secondly, the points in each circle are spaced 120◦ apart just like the three coplanar Burgers vectors.
Figure 2a shows some of these maps for the case of uniaxial tensile loading considering both the
Schmid factor mS and an analogous Escaig factor mE = τE/σ0, where σ0 is the magnitude of the
applied tensile stress. Note that in some plots, such as those for the vertices of the inverse pole
figure, two or more points share the same coordinates. It must be emphasised that these maps are
not stereographic projections of any kind, but geometric representations of the stresses on all the slip
planes.
Figure 2. (a) Fundamental sector of an fcc unit cell with maps of the Schmid and Escaig factors of the
12 a2 〈110〉{111} slip systems for multiple orientations of uniaxial tensile loading. The maps correspond
to orientations at the vertices (red), at the edges (blue) and at points situated 10◦ away from the vertices
(green). The four grey circles in each map, one for every slip plane, contain their respective three slip
directions. To facilitate visualisation, the gridlines cross each other at (0,0) and the black circles have
a radius of 0.5. (b) The map for orientation [124] is plotted separately for reference, together with
its corresponding (c) |mS| half map and (d) reduced map over the domain of φ. The blue lines in (c)
correspond to the mirror planes of the three regions in the map and the red lines show the definition of
angle φ for reference.
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Consider two dissociated dislocations with stress states at points (τS, τE) and (−τS, τE), as those
in Figure 3. A negative Schmid stress reverses the direction of motion of a dislocation and swaps the
leading with the trailing partial, but leaves the stacking fault width unchanged. Thus, a map with
the absolute value |mS| is sufficient to represent the behaviour of the 12 slip systems, as shown in
Figure 2b,c.
Figure 3. Schematic diagram of the forces felt by the partial dislocations under four different stress
states: (τS, τE), (−τS, τE), (τS,−τE) and (−τS,−τE). The leading and trailing partials in each case are
coloured in red and blue, respectively, and the arrows represent the direction and magnitude of the
individual forces.
Compare now the first stress state proposed with that which arises upon loading reversal, i.e.,
(−τS,−τE), from Figure 3. In this case, both the direction of motion of the dislocation and the effect of
the Escaig stress on the stacking fault width are reverted. This effect most likely has an effect during
cyclic loading, as it implies that partials will glide with a different separation during, for instance,
tensile and compressive stages; one of them is more likely to cross slip. Graphically, a stress reversal
results in a point inversion around the origin. Thus, it can immediately be seen that the deformation
behaviour of crystals loaded in tension along a {011} or {111} direction will resemble that of one
compressed along a {001} axis.
These maps also allow for a quick inspection of the stress state in each partial, a description
preferred by some authors [17,19]. The Burgers vectors of the leading and trailing partials were initially
chosen to point at −30◦ and 30◦ from the x-axis, and these constraints are preserved in the stress
orientation maps. The Schmid factors of the partials that compose each perfect dislocation, mS1 and
mS2, are the projections onto axes that point at these angles. Note that the lines joining the point with
the highest Schmid factor and the two coplanar slip directions have in the orientation map slopes of
±√3, as they share the same partials. Similarly, the polar coordinates (with radius m and angle ϕ) for
each slip system can be easily observed; this description is also widely used in the literature [20–22].
Table 1 contains the conversion formulae between the variables from different nomenclatures.
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Table 1. Conversion formulae between variables used in different descriptions of the stress state of a
dislocation.
(mS , mE) (m , ϕ) (mS1 , mS2)
(mS , mE) - m =
√
m2S +m
2
E mS1 =
1
2 (
√
3mS −mE)
ϕ = arctan
(
mE
mS
)
mS2 = 12 (
√
3mS +mE)
(m , ϕ) mS = m cos (ϕ) - mS1 = m cos (ϕ+ 30◦)
mE = m sin (ϕ) mS2 = m cos (ϕ− 30◦)
(mS1 , mS2) mS = 1√3 (mS1 +mS2) m =
2√
3
√
m2S1 −mS1mS2 +m2S2 -
mE = −mS1 +mS2 ϕ = arctan
(√
3(−mS1+mS2)
mS1+mS2
)
A map such as that in Figure 2c can be further divided into three regions within the intervals
[−90◦,−30◦], [−30◦, 30◦] and [30◦, 90◦]. Due to the geometrical constraints of the slip systems, the
stress states in the outer regions of the map can be linked to those in the central region by mirror
operations along axes pointing at −30◦ and 30◦ (blue lines in Figure 2c). A map with the central region
only, such as that in Figure 2d, simultaneously captures the stress state of every a2 〈110〉{111} and
a
6 〈112〉{111} slip system in the crystal in a unique and unambiguous manner. Moreover, the stress
orientation of a whole slip plane can be defined by the angle φ (marked in red in Figure 2c) of the
stress state within this domain; i.e., [−30◦, 30◦].
This result is of great value as it relates the resolved shear stresses with whole crystal orientations.
A deformation mechanism may be studied on an individual slip system, but fully understanding
its dependence on crystal orientation requires simultaneously analysing the stress states of all slip
systems to determine whether it is promoted or not in the material. Regions for the appearance of
such plasticity mechanisms can be drawn in full stress orientation maps and then translated into the
domain of φ (as further explained in Section 3).
Physically, an angle φ = −30◦ favours glide of the same leading partial in two coplanar slip
systems and appears on the plane with the highest shear stress during tensile loading along an
orientation on the line from 〈011〉 to 〈111〉 or upon 〈001〉 compression. Alternatively, φ = 30◦ results
in a higher Schmid factor for the trailing partial also on two coplanar slip systems. The transition
when moving away from a 〈001〉 axis occurs as the stress state on the slip plane rotates between two
consecutive 〈112〉 directions because of the specific routes the atoms must take in order to generate an
intrinsic stacking fault, illustrated in Figure 4a. This fundamental difference between the two types of
〈112〉 directions in an fcc crystal must be incorporated into any type of mechanistic modelling driven
by Shockley partials, but is often ignored [23,24]. Figure 4b shows the value of φ for the slip plane
with the highest Schmid factor for all possible uniaxial tensile loading orientations. This angle is then
a more intuitive parameter than others found in the literature to account for the stress orientation on
an octahedral plane.
The previous description can also be extended to the four slip planes; the corresponding mi
values and φi angles (i = 1, 2, 3, 4) are plotted in Figure 5. This clearly shows that the shear stress
on the different slip planes may have different effects under some loading orientations, possibly
promoting different mechanisms. Together with the stress orientation maps, this description may be
used to determine the effects of stress orientation on the microscopic dislocation behaviour and the
macroscopic deformation response.
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Figure 4. (a) Schematic diagram of the atomic configuration on the (111) plane, where the atoms would
sit on the corners of the triangles. The coloured arrows show the routes an atom in the middle point can
take to get to the six neighbouring positions, generating an intrinsic stacking fault after being swiped
by the leading partial. φ is in this context the angle between the shear stress on this plane and the 〈110〉
direction closest to that orientation. (b) Inverse pole figures showing the value of the angle φ of the slip
plane with the highest shear stress under uniaxial tensile loading.
Figure 5. mi values and φi angles of the four slip planes (i = 1, 2, 3, 4) for all the orientations of uniaxial
tensile loading.
Incorporating the stress normal to the slip plane σN = σzz, in the form of a normal factor mN ,
requires adding an extra dimension to the stress orientation maps. This makes the analysis less
intuitive, but it may be necessary for studying phenomena where this stress plays an important role.
A relation between the attainable shear and normal stresses already exists in the form of Mohr’s
circles, which may be extended to include the decomposition of the former into the Schmid and Escaig
components. Analogous Mohr’s spheres that intersect the mN axis at the eigenvalues of the stress
tensor delimit the region where the stresses of the multiple slip systems can be located, either on their
surfaces or in the space in-between them, while the aforementioned two-dimensional geometrical
constraints are preserved in the orthogonal axes. Figure 6a,b show this geometrical representations for
cases where two principal stresses have the same value and where all of them are different, respectively.
The stress tensors are initially normalised by the difference between the maximum and minimum
principal stresses to match the nomenclature used so far.
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Figure 6. Three-dimensional orientation maps of the Schmid, Escaig and normal factors for (a) uniaxial
tension along the [124] direction and (b) for an arbitrary stress state after being normalised by the
difference between the maximum and minimum principal stresses, as viewed from two directions. The
Mohr’s spheres and the semicircles that correspond to the shear stresses on the four slip planes are
plotted for reference.
Potential applications of the introduced framework include the study of deformation mechanisms
that involve Shockley partials, such as cross slip, superlattice stacking faults and Lomer–Cottrell locks,
among others. The following section investigates the likelihood of two twin nucleation mechanisms to
be promoted under uniaxial loading to as a simple example of how the introduced ideas can be put
to work.
3. Deformation Twinning
Twinning in fcc alloys has been reported extensively in materials with a low stacking fault
energy. This deformation mechanism accommodates plastic deformation by glide of partials with
identical Burgers vectors on adjacent {111} planes. A clear orientation dependence has been observed
in single crystals and in individual grains in polycrystals. Uniaxial loading tests have shown that
twinning is promoted close to a 〈011〉 or 〈111〉 orientation during tension [19,25–30] and 〈001〉 during
compression [29,31,32]; i.e., for orientations with a low value of φ on the slip plane with the highest
resolved shear stress. Figure 4b is effectively the same as that in reference [33], where it is argued
that the ratio mSmS1 is highly correlated to the likelihood of mechanical twins to develop. With the
conversion formulae from Table 1, this is effectively mSmS1 =
2√
3−tan φ . The use of angle φ facilitates the
understanding of the orientation effects in each slip plane. A similar criterion is used by Cai et al. [32],
although their ratio combines Schmid factors from slip planes in different slip systems.
This explains the propagation of twins for these orientations, but it remains unclear how they
form in the first place. A realistic twin nucleation mechanism must account for the generation of
identical Shockley partials on adjacent planes and for the immobilisation of the trailing partials if
they exist. A number of twin nucleation mechanisms proposed have recently been summarised by
De Cooman et al. [18]. The orientation dependencies of two of these, namely, the Copley–Kear–Byun
and McCabe’s mechanisms, are analysed here under the light of the two-dimensional version of the
orientation framework introduced as an example of how these concepts may be utilised. These two
mechanisms were chosen due to the simplicity in the dislocations they involve, all of them being
coplanar. However, this framework may also be useful in assessing the validity of more complex
twin nucleation criteria, especially those that rely on non-coplanar dislocation reactions such as the
Cohen–Weertman [34] and the Fujita–Mori [35] cross slip mechanisms.
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3.1. Copley-Kear-Byun Mechanism
The Copley–Kear–Byun partial dislocation breakaway mechanism [7,36] has been proposed on
the sole basis of stacking fault widening as a result of the stress applied. This can be thought of as
generating an infinitely long stacking fault from Equation (5) with a large negative Escaig stress, and
corresponds to the region highlighted in the mechanistic map in Figure 7a. The stress states of the
multiple slip systems can be superimposed into this map to determine which ones will promote such
mechanism. However, obtaining its full orientation dependence requires translating this analysis into
the domain of φ. This is accomplished by performing a mirror operation of the boundary along the
dashed line pointing at −30◦ from the horizontal axis, resulting in the map shown in Figure 7b. This
should not be read in terms of the actual stresses required to activate the mechanism, as it is clear
that stresses at an angle ϕ ∼ 30◦ are far from promoting twin nucleation. Instead, it means that if a
stress state falls within the region highlighted, there will be a coplanar slip system (the one with the
lowest Escaig factor) where the Copley–Kear–Byun mechanism is promoted. This is shown to require
lower stresses for high values of φ, as a slip system located at an angle ϕ = −90◦ produces the largest
separation of the partials. Twinning has been observed experimentally for the opposite configuration,
deeming this mechanism unrealistic.
Figure 7. Orientation dependence of the Copley-Kear-Byun partial dislocation breakaway
mechanism [7,36] for the extension of a stacking fault as a twin nucleus. (a) Schematic plot with
aspect ratio 1:1 of the stress orientations where each regime would appear and (b) reduced map within
the domain of φ. Two points are marked before and after reflecting the boundary along the −30◦ axis
indicated by the dashed line.
3.2. McCabe’s Twin Nucleation Criterion
Another twin nucleation mechanism that avoids introducing more complicated dislocation
reactions is that proposed by Li et al. [37], where the required partials nucleate homogeneously.
However, this would require very high stresses to occur. Instead, McCabe et al. [38] assumed that
the partials can nucleate from grain boundaries in the following sequence. Initially, a leading partial
is emitted and it glides away from its source. This is then followed by one of two options: (i) the
emission of a trailing partial on the same slip plane, or (ii) the emission of another identical leading
partial (denoted twinning partial) on an adjacent plane. The former results in perfect dislocation
glide, whereas the latter forms an extrinsic stacking fault and later a twin if the process is repeated
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on adjacent planes. The criterion for twin nucleation is then that the driving force for nucleation of a
twinning partial is greater than that for nucleation of a trailing partial.
Ignoring the image stresses near the grain boundary, the condition for nucleation of a leading
partial F1 > 0 reads
τE <
√
3τS − 2
√
3
b
γISF. (6)
The forces on the dislocations to follow are
F2s = Fa2 − Fint,s + γISF (7)
for a trailing partial and
F2t = Fa1 − Fint,t + (γISF − γESF) (8)
for a twinning partial, where γESF is the extrinsic stacking fault energy, Fint,s the interaction force
between a leading and a trailing partial and Fint,t the interaction force between two leading partials.
McCabe et al. [38] argued that the interaction forces are the same in both cases, which leads to the
F2t > F2s twin nucleation criterion
τE < −
√
3
b
γESF. (9)
The graphical representation of this criterion is different in nature from that for the
Copley-Kear-Byun mechanism, in which an already existing perfect dislocation may evolve into
a twin nucleus. Instead, McCabe’s mechanism involves the competition between different dislocations,
so that only the trailing partial with the highest Schmid factor must be considered. This means that the
conditions in Equations (6) and (9) must be plotted only within the domain of φ, as shown in Figure 8
for an Fe-22 wt.% Mn-0.6 wt.% C polycrystalline TWIP steel (γESF ∼ γISF = 22 mJ m−1, b = 0.25
nm) [25], where the trailing partial with the highest resolved shear stress is that with a Burgers vector
pointing at ϕ = 30◦. It is clear that this mechanism is promoted for orientations closer to φ ∼ −30◦,
which is supported by experimental evidence.
Figure 8. Orientation dependence of McCabe’s criterion [38] for the nucleation from a grain boundary
of a trailing partial bounding an intrinsic stacking fault or a twinning partial on an adjacent plane
giving rise to an extrinsic stacking fault. Calculated for an Fe-22 wt.% Mn-0.6 wt.% C TWIP steel
(γESF ∼ γISF = 22 mJ m−1, b = 0.25 nm) [25]. As this model is based on the competition between
two different types of partials, only the reduced map within the domain of φ is required to show the
orientation dependence.
The minimum resolved shear stress τc that would promote twinning under these considerations is
τc =
2
√
3
b
γESF (10)
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for φ = −30◦. In the case of uniaxial tension of the Fe-22 wt.% Mn-0.6 wt.% C TWIP steel [25],
Equation (10) corresponds to a shear stress of 305 MPa. Considering only the remote stress, the
grains expected to twin first under this criterion are those with the tensile axis parallel to a 〈011〉 for a
tensile stress of 647 MPa, which lies within the range where twin nucleation is observed. A complete
description of the mechanism should also include other phenomena such as strain partitioning in
the polycrystal, grain size effects [39,40] and the impact of σN on the energy barrier for dislocation
nucleation [2–4]. These effects would invariably affect the critical shear stress required for twin
nucleation. Nevertheless, the simplified approach followed here shows that McCabe’s criterion has an
adequate stress orientation dependency for a crystal as a whole and this mechanism would likely still
be viable for the right orientations if these effects were added to the model.
The difference in building the orientation dependencies of the Copley–Kear–Byun and McCabe’s
mechanisms relies on the origin of the twin nucleus. In the former, pre-existing dislocations are able to
evolve into a twin, which implies that a full stress map needs to be studied and then narrowed down to
the domain of φ. In the latter, it is the competition between dissimilar Shockley partials which reduces
the range of the analysis from the very beginning. Finally, the obtained orientation dependencies arise
from performing a simultaneous analysis on the stress states of the slip systems on the primary slip
plane based on the geometrical constraints of the crystal introduced in Section 2. This rules out the
Copley–Kear–Byun criterion as a viable twin nucleation mechanism.
Note that the framework itself makes no assumptions as it is derived uniquely from the geometric
constraints of the octahedral slip systems in an fcc crystal. Its application in the assessment of
dislocation mechanisms relies upon physical models which themselves make the assumptions, and
as such, it is these which must be scrutinised accordingly. For instance, both twin nucleation criteria
studied here assume that there is a homogeneous stress state throughout the material, which in reality
may vary considerably near grain boundaries [41] and other defects. McCabe’s model also considers
that the interaction forces Fint,s and Fint,t have the same magnitude, which in reality can be shown to be
false by calculating the Peach–Koehler forces between the dislocations involved. In reality, repulsion
is higher for a twinning partial, which if taken into account would result in a higher critical stress
for twin nucleation and a tilt in the horizontal boundary in Figure 8, although with a very similar
orientation dependency.
Future work includes following a similar approach to describe the orientation dependencies of
other dislocation mechanisms. Reactions that involve dissimilar dislocations can be benefited by the
stress orientation maps as multiple stress states can be easily visualised in a single figure. Consider
for instance the cross slip mechanism where both Schmid and Escaig stresses experienced by the
dislocation on the primary and conjugate planes have an effect on the energy barrier [10,11,14], so that
key pairs of stress states will favour this behaviour. Other potential uses of the orientation framework
introduced here include the study of superlattice stacking fault propagation in nickel-based superalloys
and more complex twin nucleation mechanisms. Moreover, the extension of this framework to other
crystal structures may be possible accounting for the different types of slip systems they possess.
4. Conclusions
There exists a set of geometrical constraints that links the stresses that may be attained by the
a
2 〈110〉 and a6 〈112〉 slip systems on a given octahedral plane in the fcc crystal structure. The orientation
analysis framework built from this allows for a simple and intuitive way of studying dislocation
mechanisms driven by dislocations with those Burgers vectors. The main advantages it offers are:
• The stress orientation maps: graphical interpretations that simultaneously capture the resolved
shear stress on all the slip systems.
• A one parameter description via angle φ that determines the orientation effects of the stress on an
octahedral slip plane.
• The normal stress can be incorporated into the graphical representations via an extension of the
Mohr’s circles.
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The Copley–Kear–Byun and McCabe’s twin nucleation criteria were studied considering the
aforementioned geometrical constraints to exemplify the use of the introduced framework. Only
McCabe’s criterion is shown to have a stress orientation dependence consistent with experimental data.
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